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Thermal cycling studies of a cross-plied P100
graphite fibre-reinforced 6061 aluminium

composite laminate
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Response to thermal cycling of a 0/90 cross-plied P100 Gr-6061 aluminium composite
laminate was studied between a minimum temperature (7,,i,) of 25°C and maximum
temperatures (7..x) of 100 and 540 °C. Strain hysteresis was observed between the heating
and cooling half-cycles and was attributed to anelastic strains induced by matrix residual
stresses. A residual plastic strain was also observed after the first cycle, and was seen to
disappear after subsequent cycles. Alteration of the thermal residual stress state of the matrix
via heat treatments was found to change significantly the magnitude of the plastic strain.
These results were compared with those of studies on unidirectionally reinforced P100 Gr-
6061 aluminium composites, and the differences were explained on the basis of the residual
stresses resident in the matrix. Optical and electron microscopy were also utilized to observe
thermal damage, which occutred predominantly along improperly bonded fibre—matrix

interfaces.

1. Introduction

It is well known that large thermal residual stresses
are induced in graphite—aluminium composites during
cooling from the fabrication temperature due to the
large difference between the longitudinal coefficients
of thermal expansion (CTE) of graphite (~ —1
x107%°C™Y) and aluminium (~22x107%°C™})
[1-4]. These residual stresses can have a substantial
effect on the thermal cycling response of the com-
posite, resulting in strain hysteresis between the
heating and cooling segments of the cycle and the gen-
eration of a residual plastic strain [5-8]. Thermal
cycling of unidirectionally reinforced P100 graphite
fibre-reinforced 6061 Al composites showed hysteresis
and residual plastic strain, both of which were at-
tributed to matrix yielding at the extremities of the
thermal cycle [6-8]. Progressive ageing and strain
hardening of the matrix were thought to be respons-
ible for the observed disappearance of hysteresis with
continued cycling [6-8]. Plastic yielding of the matrix
due to applied thermal loads was also observed in
other composite systems [9-11]. Dimensional changes
in various as-thermally cycled composite systems have
been modelled in several studies [5, 12-15]. Theoret-
ical studies of + 26/ — 26 laminates P100 Gr-6061 Al
composites, assuming only elastic unloading during
the heating segment, showed no hysteresis during
cycling between 24 °C (75 °F) and 121 °C (250 °F) [5],
suggesting that plastic yielding is necessary for hyster-
esis. Additionally, visco-plastic yielding (creep) during
thermal cycling has been observed in unidirectional
graphite-aluminium [16] and graphite-magnes-
ium composites [17], indicating that the strains in-
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duced during thermal cycling are heating and cooling
rate dependent.

In spite of the abundance of published literature on
thermal cycling of composites, no detailed explanation
of the strain response based on the nature of the
matrix residual stress state in various temperature
regimes is available to date. In addition, none of the
above studies accounts for the role of the fibre-matrix
interface on the cumulative thermal damage, although
interfaces are known to have a strong effect on the
mechanical properties of the composite and have been
observed to deteriorate with extended exposure to
temperatures around 500 °C and greater [ 18-24]. Sev-
eral investigations on the effect of thermal excursions
on composite interfaces have been reported to date
[25-28], although the thermal strain response of the
composite was not studied in any of these works.
Furthermore, most of the experimental data available
in the current literature are based on unidirectionally
reinforced composites, and the thermal strain re-
sponse of multi-ply laminates (with different fibre
orientations in contiguous plies) is not well docu-
mented.

Accordingly, the goals of this paper are three-fold:
first, to study the thermal strain response of multi-ply
Gr/Al composite laminates and the dependence of this
behaviour on the thermal load amplitude; second, to
offer an explanation of this behaviour based on the
specific nature of the thermal stress state of the matrix
at various stages of the thermal cycle; and finally, to
investigate the role of the fibre-matrix interface on
damage accumulation during thermal cycling.
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2. Experimental procedure

A 40vol % P100 graphite fibre-reinforced 6061 Al
composite laminate was used in this study. The com-
posite lay-up consisted of seven plies in the 0/90
(cross-ply) orientation, with a total thickness of
2.2 mm. The material was manufactured using the
Ti-B vapour deposit process [29, 30] in conjunction
with diffusion bonding. Narrow strips (5.5 mm wide
and 254 mm long) were cut from the as-received
composite using electric discharge machining, and
the edges were polished to a 1 um finish. The thermal
strain response of the composite was then measured
along the long axis of the samples in an Orton™
automatic recording dilatometer. The dilatometer was
calibrated between 20 and 540°C using a 254 mm
long sample of high purity alumina with heating and
cooling rates of 0.89 and 0.31 °C min~?, respectively.
Subsequently, the composite samples were tested
between a lower limit of 25°C and an upper limit of
either 540 or 100°C using the same heating and
cooling rates as the calibration standard. All testing
was done in an argon atmosphere.

To observe the damage caused by thermal cycling,
7mm x 7 mm billets were cut from the as-received
stock and the edges were polished to a 1 pm finish.
The billets were then cycled in argon atmosphere
between 25 °C and either 100 or 540 °C using a pneu-
matically controlled apparatus attached to a tube
furnace. Each cycle consisted of a 30 min heating
segment, followed by a 30 min cooling segment. The
dwell time at the upper and lower temperatures were
10 min each . Periodically, the cycling was interrupted
and a replica of a pre-determined sample edge was
obtained on cellulose acetate tape. After the replica
was obtained, cycling was allowed to continue. The
replicas were subsequently coated with a thin film of
chromium and examined under the optical micro-
scope. After the completion of 72 cycles, the samples
were extracted from the thermal cycling apparatus
and inspected under the scanning electron microscope
(SEM). Two additional samples were cycled for 3 and
100 cycles, respectively, and then observed using the
SEM.

To estimate the damage accumulated during
thermal cycling between 25 and 100°C, when little
visual evidence of damage was observed, the stiffness-
loss method was used. 254 mm x 5.5 mm x 2.2 mm
strips were cycled in the tube furnace apparatus for
various number of cycles and were tested in three-
point bending using a servo-hydraulic mechanical test
system (MTS) equipped with a strain-gauge extenso-
meter. In addition to the measurement of the elastic
modulus in bending, Vicker’s microhardness of the
matrix was also computed to determine the extent of
matrix hardening due to plastic yielding or ageing
during cycling.

Finally, transmission electron microscopy (TEM)
was used to study the fibre-matrix interface before
and after cycling in the tube furnace apparatus.
500 um thick 3 mm diameter discs were cut from the
as-received and as-cycled samples using electric dis-
charge machining such that the graphite fibres were
oriented parallel to the plane of the disc. The discs
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were pre-thinned to a thickness of 30 um using a
Gatan™ dimpler, followed by final thinning in a
Gatan™ ion mill equipped with a liquid-nitrogen cold
stage at a gun voltage of SkV, gun current of 1 mA
and sample-to-beam inclination of 12°, The samples
were then observed in a Jeol 100CX TEM equipped
with a LaB, gun at an accelerating voltage of 120 k'V.
The matrix microstructures of the as-received and the
as-cycled composites were also examined, and both
were found to be in the overaged state.

3. Residual stress state of the matrix
The importance of matrix residual stresses in com-
posites has led to several efforts to measure them using
X-ray diffraction and other techniques. All the studies
show that the matrix stresses in both longitudinal
(parallel to the fibre-axis) and transverse (perpendicu-
lar to the fibre-axis) directions in unidirectional
graphite-aluminium composites are tensile in nature
[1-4], although the transverse stresses are somewhat
smaller.

The nature of the measured stresses in unidirec-
tional plies can be utilized to deduce the residual stress
state in cross-plied composite laminates. On cooling
a 0/90 cross-plied Gr/Al laminate (Fig. 1) from the
fabrication temperature, the longitudinal ply develops
a tensile matrix residual stress, o}. The transverse ply
also develops a tensile stress ot in the z-direction, the
magnitude of this stress being less than o.. The inter-
action between ¢! and o', alters the magnitudes of o,
and o) somewhat. The overall matrix stress in the z-
direction, however, remains tensile. The stress state in
the y-direction can be deduced similarly, and it can
also be shown to be tensile. For a long, narrow strip
like the sample used for strain measurements in the
dilatometer, the tensile stress in the z-direction (para-
llel to the long dimension of the sample) is the pre-
dominant component affecting the measured strain
response of the composite, and will henceforth be
referred to as the longitudinal stress.

4. Results and discussion
4.1. Thermal strain response
Fig. 2 shows plots of the longitudinal thermal strain
response of the laminates between 25 and 540 °C for
the first, second and tenth cycles. Two distinct features
are immediately apparent from the figure: first, the
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Figure 1 Schematic illustration of a continuous fibre-reinforced
0/90 cross-plied composite laminate showing the longitudinal and
transverse plies and the reference coordinate system.



0.020

0.015

0.010F

0.005F

Longitudinal strain { x102)

A

O F 1 1 L 1
0 100 200 300 400 500 600
Temperature (°C)

Figure 2 Thermal strain response of the as-received P100 Gr-
6061 Al cross-plied composite for the ( ) first, (- - -) second and
(——-) tenth cycles between 25 and 540 °C. Note the large residual
plastic strain after the first cycle (A-D), and the strain hysteresis
between the heating (A-B-~C) and cooling (C-D) half-cycles.

existence of a distinct strain hysteresis; second, the
presence of a large tensile residual plastic strain (A-D)
after the first cycle. With continued cycling, the re-
sidual plastic strain is significantly reduced, although
little perceptible change is observed in the strain
hysteresis.

The hysteresis can be attributed to the stress state of
the matrix, as outlined below. During initial heating
(A-B), the longitudinal tensile stress present in the
matrix aids the expansion of the composite, resulting
in a CTE of about 1.1 x 10~¢°C~*. With increasing
temperature, the tensile stress is progressively relieved.
After complete relief of the tensile stress, a compressive
stress starts building up, resulting in a change in the
sign of the composite CTE through 250 °C (B), where
itis ~ 0°C. Continued heating above 250 °C (segment
B-C) induces a compressive longitudinal stress in the
matrix, which opposes further expansion of the com-
posite. This leads to the observed negative CTE in this
temperature range. The build-up of the compressive
stress, however, is limited by relaxation mechanisms
operative at the relatively high temperature. Because
the compressive stress never reaches a very large
magnitude, it is quickly relieved on cooling from C
(540°C), while simultaneously assisting contraction.
Eventually, a tensile stress builds up, leading to tensile
yielding. Finally, a tensile residual stress is present
at 25 °C (D). This tensile stress is significantly smaller
than the tensile residual stress present before the first
cycle because the slow heating and cooling rates result
in considerable stress relaxation during the cycle.
The combined effect of the tensile stresses (which aid
expansion while opposing contraction) and the com-
pressive stresses -(which yield the opposite effect)
prevents superposition of strains during heating and
cooling, resulting in the observed strain hysteresis.
The hysteresis is further enhanced by plastic deforma-
tion during the cooling half-cycle.

The residual plastic strain observed after the first
cycle (Fig. 2) is indicative of overall tensile yielding of
the matrix and can be explained as follows. During
heating, while the longitudinal tensile stress gets pro-
gressively relieved, some tensile creep deformation can

occur. Beyond 250 °C, some compressive yielding can
also occur, although it is limited by the operative
visco-plastic relaxation mechanisms which prevent the
build-up of a large compressive stress. During cooling,
the compressive stress is relieved quickly, and when
the tensile stress builds up sufficiently, tensile yielding
occurs. It is to be realized that because of the slow
heating and cooling rates involved, matrix creep plays
an important role during the entire cycle, thereby
keeping the stress levels low while contributing to the
observed permanent deformation. The net effect of the
plastic and visco-plastic deformations is a tensile plas-
tic strain at the end of the first cycle.

Subsequent cycling starts with a smaller tensile
residual stress, leading to unloading at a lower tem-
perature (E) than in the first cycle. Beyond E (Fig. 2),a
compressive longitudinal stress attempts to build up
progressively up to 540 °C (F), but is relieved by visco-
plastic deformation, resulting in a net compressive
plastic strain. On cooling from 540 °C, any residual
compressive stress is relieved first, followed by the
build-up of a tensile longitudinal stress, which can
result in a small tensile plastic strain. The overall
strain during the second cycle, however, is negligible,
as seen in Fig. 2. With continued cycling, the tensile
longitudinal residual stress resident in the matrix at
the start of each cycle is lowered due to recovery
mechanisms operative during the previous cycle. This
results in the gradual downward shift of the strain
versus temperature plot, although the magnitude of
the strain hysteresis remains unaltered.

Fig. 3 plots the thermal strain response of the
composite during cycling between 25 and 100 °C for
the first, second and tenth cycles. Once again, a tensile
residual plastic strain (A—C) is observed after the first
cycle, but disappears in subsequent cycles. A prom-
inent strain hysteresis is also observed, with the strains
during cooling being larger than those during heating.
Unlike the residual strain, the hysteresis is present
even after ten cycles.

During the heating segment A-B, the tensile re-
sidual stress initially present in the matrix aids ex-
pansion, while being progressively relieved. Complete
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Figure 3 Thermal strain response of the as-received composite for
the ( ) first, (- - -} second and (—--) tenth cycles between 25 and
100 °C. Once again, a residual plastic strain (A—C) is observed after
the first cycle. Hysteresis is also seen to exist between the heating
(A-B) and the cooling (B-C) half-cycles.

6225



relief, however, occurs only around 250°C (as dis-
cussed earlier), and even at 100°C (point B), a net
tensile longitudinal stress remains in the matrix. Dur-
ing cooling from B-C, the small tensile residual stress
present at B starts building up again. Yielding occurs
when the matrix yield strength is exceeded, resulting in
a net tensile strain at the end of the first cycle. At this
point (C), the residual stresses are considerably smaller
than those before cycling (i.. at A), due to partial relief
via plastic and visco-plastic mechanisms. This pre-
cludes further plastic deformation during subsequent
cycles, resulting in the disappearance of the residual
strain. This suggests - that any residual strain
is primarily the result of plastic yielding of the
matrix, with little contribution from visco-plastic
deformation.

While the residual strain occurs due to plastic defor-
mation of the matrix, the strain hysteresis observed is
attributable primarily to anelastic strains which arise
during cycling as a result of the residual stress state of
the matrix. As discussed earlier, the longitudinal
tensile residual stress aids expansion during heating
and opposes contraction during cooling. This prevents
the superposition of the strain versus temperature
plots during the heating and cooling half-cycles,
resulting in the observed hysteresis. Earlier studies of
thermal cycling on unidirectional 41 vol % P100
Gr/6061 Al composites between 121 °C (250 °F) and
— 121°C ( — 250 °F) showed strain hysteresis, which
disappeared with continued cycling [6-8]. The hys-
teresis was attributed to matrix yielding, while its
disappearance was thought to be due to matrix
strengthening by age hardening and plastic yielding
during cycling. In the present study, no matrix yield-
ing occurred from the second cycle onwards (as evid-
enced by the absence of a residual plastic strain),
although hysteresis remained. This confirms that the
primary cause of the strain hysteresis between 25 and
100 °C in the present composite is not plastic deforma-
tion, but thermal stress-induced anelastic strain
response during cycling.

TEM was used to observe the starting matrix
microstructure of the as-received composite, and re-
vealed a mixture of incoherent precipitate rods
(15-20 nm diameter) and some platelets, clearly in-
dicative of an overaged state. Continued cycling be-
tween 25 and 100 °C resulted in further overageing, as
evinced by the decrease in matrix microhardness with
cycling (Fig. 4). Two features of Fig. 4 are to be noted.
First, no discernible hardening of the matrix occurred
due to plastic deformation during the first cycle. Sec-
ondly, in spite of the softening of the matrix with
cycling, no plastic deformation was observed in sub-
sequent cycles. This suggests that some stress relaxa-
tion mechanism must be operative during cy¢ling,
preventing the build-up of the residual stresses beyond
the matrix yield strength. The role of stress relaxation
via visco-plastic recovery mechanisms during thermal
exposures has been recognized by other investigators
{16, 17], although it was not considered to be import-
ant in some of the earlier studies [6-8].

The other significant point to note is that residual
plastic strain observed at the end of the first cycle in
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Figure 4 Plot of Vickers microhardness number (VHN) versus the
number of cycles between 25 and 100°C in argon atmosphere. The
gradual decrease in microhardness is attributed to overageing of the
matrix with continued cycling.

this study is tensile, while studies with unidirectionally
reinforced composites revealed a compressive strain at
the end of cycle between 25 and 121°C [6-8]. This
compressive strain was attributed to the rapid relief
of the initial tensile stress by about 100°C and the
eventual generation of compressive stresses, resulting
in compressive yielding at the high end of the heating
half-cycle. No mention was made of the possibility of
tensile strains (due to yielding or creep) between 25
and 121 °C. In this study, however, tensile strains have
been conclusively shown to be present. One plausible
explanation for this discrepancy is that in the present
work, the longitudinal tensile residual stress in the
as-received matrix was larger than that in the material
used by Dries and Tompkins [6-8], preventing com-
plete relief at 100 °C. This could be an artefact of the
processing history, or because the material used in
this work was cross-plied, in contradiction to the
unidirectionally reinforced composite used in [6-8].

To study the effect of the matrix stress state on the
strain response of the composite, thermal treatments
were given to change the residual stress state prior to
cycling. The samples were subjected to a stress-relief
treatment at 200 °C for 4 h followed by quenching to
25°Cor — 196 °C. The heat-treatment temperature of
200°C was chosen because most of the longitudinal
tensile residual stress in the matrix is relieved at this
temperature (Fig. 2). Quenching to 25 °C would then
be expected to result in a relatively smaller tensile
residual stress than quenching to — 196 °C.

Fig. 5 shows the thermal strain response of the
sample quenched to 250°C in the first, second and
tenth cycles between 20 and 100 °C. Tt is observed that
the average CTE for the heating segment of the first
cycle (~09x107°°C™1) is somewhat smaller than

‘that for the as-received sample ( ~ 1.1 x 1076°C™1),

suggesting a smaller initial tensile residual stress level
prior to cycling in the heat-treated sample. Only a
small residual plastic strain (A—C) is noticeable. The
residual strain is sharply reduced because the initial
longitudinal residual stress is small enough to be
substantially relieved by 100°C, so that on cooling,
the tensile stress does not build up sufficiently to cause
a significant degree of plastic deformation. The hyster-
esis is also smaller than that in the as-received sample
(Fig. 3), underlining the importance of the matrix
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Figure 5 Thermal strain response of the composite for the (——)
first, (- - -) second and (-—-) tenth cycles between 25 and 100 °C after
a 4 h heat treatment at 200 °C and subsequent quenching to 25°C.
The residual strain A-C is significantly reduced, and the average
CTE for the heating segment (A-B) of the first cycle is smaller than
in the as-received sample (Fig. 3), indicative of smaller tensile
residual stresses before cycling.

residual stress state in determining the overall strain
response of the composite.

Fig. 6 shows the strain response of the sample
quenched to — 196°C. It is observed that a residual
strain ( ~ 24 x 107°), larger than that present in the
as-received sample (~ 17 x 107¢; Fig. 3), is present
after the first cycle. Furthermore, the average CTE for
the first heating cycle is larger ( ~ 1.2 x 1079°C ™) for
this sample than for the sample quenched to 25°C
(~09x107%°C~1) and the as-received sample
(~1.1x107%°C~ 1), The above observations are in-
dicative of a larger initial tensile residual stress in this
sample than in the others. Prior investigations of
unidirectional 40 vol % P100 Gr/6061 Al composites
have shown that the tensile residual stress induced in
the matrix on quenching to — 196 °C relaxes rapidly
to a small compressive value on heating the sample
back to room temperature [4, 31]. The tensile strain
found after the first cycle in Fig. 6, however, can only
be explained if the initial residual stress was tensile.
This suggests that the longitudinal tensile residual
stress induced in the matrix on quenching to — 196°C
is very large in the present material, and even after
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Figure 6 Thermal strain response of the composite for the (——)
first, (- - -) second and (——-) tenth cycles between 25 and 100 °C after
a 4h heat treatment at 200°C and subsequent quenching to
— 196 °C. The residual strain A-C increases to values larger than in
the as-received sample (Fig. 3), while the average CTE for the
heating segment of the first cycle (A-B) is also somewhat larger,
suggesting large residual tensile stresses before cycling.

relaxation on heating to 25°C it has a large tensile
value. Because the primary difference between this
study and the others is that the present composite is
cross-plied, it can be inferred that cross-plying retards
stress relaxation during heating. The same phenom-
enon can be used to explain the presence of the tensile
residual strain found after the first cycle between 25
and 100°C in this study, in contradiction to the
compressive strain observed by Dries and Tompkins
[6-8] after cycling in the same temperature regime. In
the present work, the initial tensile stress was found to
be relieved around 250 °C, while in the unidirection-
ally reinforced composites used in [6-8] the stress
was relieved around only 100°C. This supports the
hypothesis that cross-plying of composite laminates
introduces additional constraints on the matrix, res-
ulting in a higher initial longitudinal tensile stress on
cooling and a slower relaxation of thermal stresses on
heating.

4.2. Role of fibre—matrix interface in thermal
damage

Fig. 7 shows the edge replica of a sample after three
complete cycles between 25 and 540°C in an argon
atmosphere. Large cracks are evident, with the major-
ity of cracks concentrated in regions of high fibre
density. These regions of high fibre density correspond
to the fibre tows which were infiltrated with liquid
aluminium to form the precursor wires from which the
laminate was consolidated.

In addition to the large cracks, microscopic evid-
ence of debonding of the fibre-matrix interface was
also observed. This is shown in Fig. 8, which is a
scanning electron micrograph of the same sample. The
fibres, which were flush with the matrix béfore cycling,
are seen to protrude from the surface of the composite,
clearly indicating interfacial separation. The majority
of the observed damage occurs during the cooling
half-cycle, when the graphite fibres tend to expand
while the matrix tries to contract, resulting in the
generation of a large interfacial shear stress. In regions
where the fibre-matrix bond is not very strong, this

Figure 7 Photomicrograph of an edge replica of the composite after
three cycles between 25 and 540°C in argon atmosphere. Large
cracks are seen in regions of high fibre density.
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Figure 8 Scanning electron micrograph of the sample edge after
three cycles between 25 and 540 °C. Fibres are observed to protrude
from the matrix, indicating interfacial debonding. Debonding
occurs during the cooling half-cycles when the fibres tend to expand
while the matrix tends to contract.

stress can cause interfacial failure, relieving the com-
pressive longitudinal stress in the fibre and thereby
causing the fibres to protrude from the matrix. The
protrusion (and hence interfacial damage) was found
to become more prominent with continued cycling
up to 72 cycles (Fig. 9), beyond which little additional
damage was observed.

No damage was readily apparent in the sample
subjected to ten cycles between 25 and 100°C. After
100 cycles, the sample showed small interfacial cracks
in regions of high fibre density, although these cracks
were considerably fewer and smaller than those ob-
served in the sample cycled between 25 and 540 °C.
The gradual accumulation of damage due to cycling
between 25 and 100 °C is more readily apparent from
Fig. 10, which plots the bending modulus of the
composite normalized by its initial value (E,/Ef) with
increasing number of thermal cycles. A relatively small
decrease in E, is observed initially, followed by a rapid
decrease around 100 cycles and beyond. This drop in
the elastic modulus is indicative of progressive dam-

Figure 9 Scanning electron micrograph of the sample edge after
72 cycles between 25 and 540°C in argon. A large degree of fibre
protrusion is observed indicating severe interfacial damage. Beyond
72 cyeles, little further increase in fibre protrusion was observed.
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Figure 10 Plot of normalized modulus in bending (E,/E¥), versus
the number of cycles between 25 and 100°C in argon. Significant
loss in modulus is seen around 100 cycles and beyond, attributable
to interfacial damage accumulation after extended cycling.

age with increasing number of cycles, and suggests
that even cycling at relatively small thermal ampli-
tudes results in interfacial damage.

Selected-area diffraction patterns (SADP) taken
from the fibre-matrix interface regions in the as-
received composite revealed several rings correspond-
ing to the titanium boride phase (TiB) in addition to
the rings due to polycrystalline graphite. This is shown
in Fig. 11, along with a centred dark-field (CDF)
transmission electron micrograph of the correspond-
ing region taken with part of the g, reflection of
TiB. A fine dispersion of TiB particles, 0.02-0.15 pm in
size, is observed in an approximately 0.5 um thick
region adjacent to the interface. No evidence of a thin,
continuous layer of TiB,, which results from the Ti-B
vapour deposit method of fabrication [29, 30], was
found at the interface. The above microstructure was
typical of a significant fraction of the interfacial areas
studied, although several interfaces with a smooth
adherent coating on the graphite fibre were also ob-
served. Evidently, during the Ti-B vapour deposit
process, where titanium and boron are co-deposited
on the fibre tows to enhance wetting of graphite by

Figure 11 Selected-area diffraction pattern (SADP) and centred
dark-field (CDF) transmission electron micrograph of a fibre-matrix
interface in the as-received condition. The SADP shows rings due to
the polycrystalline graphite fibre and the titanium boride phase
(TiB). Part of the {40 1} ring from TiB (indicated with an arrow) was
used to form the CDF image which shows numerous TiB particles
(0.02-0.15 um in size) dispersed in the matrix adjacent to the
interface.



aluminium, the stoichiometry was not precisely con-
trolled. This led to the formation of a weakly adherent
layer of TiB instead of strongly adherent TiB,. During
subsequent infiltration by liquid aluminium, the TiB
coating was dislodged from the fibre surface and
become dispersed in the solidifying melt, thereby pre-
cluding proper wetting and good interfacial bonding.
None of the interfaces examined showed any signific-
ant amount of interfacial reaction products, e.g. alumi-
nium carbide.

The interfacial regions of the composite subjected to
72 cycles between 25 and 540 °C were also observed in
the TEM. No evidence of aluminium carbide forma-
tion at the interface was discernible, strongly sugges-
ting the absence of any chemical reaction during
cycling. Although Jackson et al. [19] observed chem-
ical interaction between aluminium and graphite at
temperatures as low as 400 °C, it is generally recog-
nized that extended exposure to temperatures greater
than 500 °C is needed for the formation of aluminium
carbide at graphite-aluminium interfaces [24]. Be-
cause the dwell time above 500 °C in each cycle during
the present experiments was relatively short, extensive
inierfacial reaction did not occur. This indicates that
any interfacial damage observed after cycling is the
result of the mechanical stresses generated at the
interface and not due to chemical degradation.

At this point, a mechanism can be proposed to
explain the cracks observed in the as-cycled com-
posite. During cycling, large shear stresses are gener-
ated at the interface. In regions within the fibre tows,
where the interfacial coating has been disrupted dur-
ing fabrication of the Al-Gr precursor wires, the bond
is' weak, and the shear stresses can cause local inter-
facial failure. The occurrence of several interfacial
cracks within a small region of high fibre density
allows the cracks to link up during continued cycling.
This coalescence process is further aided by the micro-
voids which abound inside the fibre tows due to
incomplete infiltration by liquid aluminium. During
large amplitude cycling (25-540 °C), the majority of
interfacial failure occurs within the first 70-80 cycles
due to the large thermal stresses generated. Continued
cycling yields little additional interfacial debonding,
although damage accumulation progresses via link-
ing-up of already existent cracks. During small ampli-
tude cycling (25-100 °C), the stresses generated at the
interface are much smaller, and interfacial debonding
occurs only over a very large number of cycles. Once a
statistically significant number of micro-cracks are
formed at the interfaces, however, link-up occurs rap-
idly, leading to the rapid decline in composite stiffness
observed from around 100 cycles onwards (Fig. 10).

One feature of the strain response of the composite
on cycling between 25 and 540 °C was the progressive
downward shift of the strain versus temperature plot
with continued cycling (Fig. 2). In Section 4.1, this was
attributed to the decrease in the magnitude of the
tensile longitudinal stress present in the matrix before
each cycle via recovery mechanisms operative during
the prior cycle. Part of the stress relief, however, can
also be attributed to interfacial failure during the
cooling half-cycle. When some of the fibre-matrix

interfaces undergo debonding, the constraint on the
matrix is reduced, retarding the build-up of tensile
stresses on cooling. Continued cycling causes addi-
tional debonding, resulting in the progressive depres-
sion of the strain versus temperature plot.

5. Conclusions
The thermal cycling response of a cross-plied graphite
fibre-reinforced aluminium matrix composite lam-
inate was studied in two different temperature ranges.
The composite exhibited strain hysteresis during each
cycle and a residual plastic strain after the first cycle in
both temperature ranges. The strain hysteresis was
attributed primarily to the anelastic behaviour of the
matrix due to the presence of thermal residual stresses.
During the first cycle, hysteresis is further enhanced by
plastic deformation of the matrix. The residual plastic
strain results from plastic deformation (due to both
yielding and creep) and its magnitude depends on the
initial matrix stress state. Altering the initial stress
state of the matrix via heat treatments was found to
alter the residual plastic strain appreciably. By com-
paring the results of the present study with earlier
work [6-8], it was inferred that cross-plying has a
significant effect on the initial matrix stress state and
the rate of stress relaxation during heating, explaining
the tensile residual strain observed after one cycle in
the cross-plied composite, contrary to the compressive
strain in unidirectionally reinforced materials.
Microscopic examination revealed that the prin-
cipal mode of damage during thermal cycling was
debonding of the fibre-matrix interface in regions of
improper interfacial coating. The debonding was
caused by the thermally induced interfacial shear
stresses and had no contribution from chemical degra-
dation of the interface via aluminium carbide forma-
tion. During large amplitude thermal cycling, most of
the damage occurred within the first 70-80 cycles,
while during small amplitude cycling, the majority of
damage occurred after ~ 100 cycles. The primary
effect of interfacial damage was the reduction of the
thermal stresses generated during cooling due to CTE
mismatch, resulting in the progressive downward shift
in the strain versus temperature plot of the composite
with continued cycling.
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